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ABSTRACT: Theories for stress and birefringence relaxation in polymer melts are usually based on coarse-
grained chain models in which each bead represents many mers. We here develop a physical picture of these
processes on the monomer level. It makes use of an intrinsic coordinate system for each mer in which the
bonds attached to that mer are fixed. It is shown, through a molecular dynamics simulation, that associated
with each mer there is an intrinsic monomer stress (stresslet) that remains constant when referred to this
coordinate system throughout the relaxation process and that it is through the randomization of the orientations
of these stresslets that, at later times, the macroscopic stress decays. Birefringence decay is treated in a
parallel manner and leads to a simple expression for C,, the stress-optical coefficient in the rubbery regime,
in terms of the monomer polarizability tensor and the intrinsic monomer stress tensor. Good agreement with
experiment is found for C, for the present simulation of a polyethylene-like model.

I. Introduction

Molecular theories of stress relaxation in polymer melts
are generally based on Rouse and Rouse-like chain models.!
Each bead of these model chains represents many mers
of areal chain and each of its bonds or segments represents
many actual bonds. These segments are assumed to act
as entropic springs in tension. In equilibrium, segment
orientation is isotropic and the segment tensile force gives
rise to an isotropic stress. When a deformation, such as
shear or elongation, is imposed on the melt, the segment
orientation becomes anisotropic and the segment tensile
force gives rise to an anisotropic or deviatoric stress. This
stress will decay to zero as the chain vectors return to
their equilibrium distribution and the segment orientation
returns to isotropy.

Nonbonded interactions play an important, but limited,
role in these molecular theories. Interchain interactions
are modeled, as in the Langevin equation, by a friction
constant and a random force, so that they contribute to
the character of the chain dynamics and the return to
equilibrium. Furthermore, excluded volume interactions
permit chain entanglements, and theories incorporate their
effects on chain dynamics in different ways, e.g., by
invoking the reptation concept and confining tubes.
However, it is assumed that nonbonded interactions make
only a hydrostatic or isotropic contribution to the stress;
since only the deviatoric stress is of interest, they are not
considered explicitly in this connection.

The production of optical birefringence in a melt by
imposing a deformation and its subsequent decay are
generally treated in a manner corresponding to that used
for stress. From a knowledge of the monomer polariz-
ability, the segment polarizability is computed, with
cylindrical symmetry about the segment axis assumed.
The polarizability of the melt then follows from a
knowledge of segment orientation. In other treatments,?
the segment polarizability is used to compute the polar-
izability of an entire chain as a function of the chain end-
to-end vector. The polarizability of the melt is then
computed from the chain vector distribution corresponding
to a given deformation.

Coarse-grained theories of this type have been very
successful in providing understanding of many aspects of
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polymer melt behavior, particularly the scaling of various
phenomena with chain length. We are concerned here
with a different goal, with gaining a physical picture of the
nature of stress development and relaxation on the
monomer level. That is, if we think of a polymer melt as
aliquid of mers, each interacting with its neighbors through
bonded and nonbonded interactions, how can we describe
stress development and relaxation from the local viewpoint
of an observer riding ona given mer? Isthe picture roughly
the same as that provided by the coarse-grained theory,
with a bead of that theory representing a monomer and
a segment representing a covalent bond?

We have been exploring this question in both equilib-
rium and nonequilibrium dense polymer systems through
the computer simulation of various models. In this paper,
we wish to demonstrate the utility in nonequilibrium
processes of the concept of intrinsic monomer stresses
previously introduced by us® for equilibrium systems.* We
restrict attention to polyethylene-like model systems.

The plan of the paper is as follows: In section II we
present the chain model and simulation procedure we
employ. We then, in section III, review the intrinsic
monomer stress concept and demonstrate, through sim-
ulation, its utility in stress-relaxation processes. Insection
IV we take up the phenomenon of birefringence devel-
opment and decay, using the same framework for a
treatment on the monomer level as previously employed
for the study of stress. Finally, in section V, we contrast
the monomer-level description of these processes devel-
oped here with the coarse-grained models and consider
the implications of these differences.

II. Simulation Method

Chain Model. The chain model we employ in the
simulation of stress relaxation in dense melts is motivated
by the recent work of Takeuchi and Roe.> These authors
performed extensive computer simulation studies of
polymer melts, one consisting of polyethylene-like chains
(PE model) and the other of freely-rotating chains (FRC
model) in which the torsional potential of the PE model
was turned off. We utilize the FRC model in the present
work.

We next summarize the potentials and parameters of
the FRC model. The monomers of this model chain are
treated as united atoms. These are subjected to the bond
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stretching potential

up(r) = Yk (r - @)? (1)

where a is the zero-force bond length, and the bond-angle
bending potential

uy(8) =/ x,(cos 6 — cos 6;)> )
In addition, a truncated Lennard-Jones potential
U (r) = 4el(o/r)2 - (o/r)f]  forr<r,
=u,ry) forrzr (3)

is used for all interchain and intrachain nonbonded
interactions, the latter acting between all mers separated
by more than three bonds. The parameter values used by
Takeuchi and Roe® are as follows: bond length a = 0.152
nm, «p = 3.46 X 10*kJ nm-2mol-L, x4 = 5.00 X 102kJ mol-!,
cos 8y = -1/3, 0 = 0.380 nm, ry = 1.5, and ¢ = 0.5 kJ mol-1.
By consideration of the variation with temperature of the
volume of the system at constant pressure, Takeuchi and
Roe determined its glass transition temperature as T, =
39 K. The parameter values listed lead, for the CH,
monomer, to the following conversion factors used in this
paper: time unit (me?/¢)1/2 = 2.01 ps and stress unit ¢/ o3
=15.1 MPa. The simulations employed a time step At =
0.006 ps.

Deformed Melt. We consider a dense melt of chains,
consisting of v chains confined to a volume v. This melt
issubjected to a time-dependent deformation. We briefly
outline the simulation procedure employed. Further
details may be found in refs 6-8.

Periodic boundary conditions are employed in the
molecular dynamics simulation in which the basic cell is
a rectangular parallelepiped with dimensions Ly, Lo, and
L in the x1, x5, and x3 coordinate directions, with L; = L,
= L3 = L in the reference state. A given time-dependent
deformation is imposed on the system by subjecting the
basic cell to this deformation. Interactions betweenatoms
in the basic cell with image atoms across the cell wall then
serve to transmit the deformation to the atoms in the basic
cell. In addition, a velocity increment corresponding to
a velocity gradient equivalent to the constant-volume
elongation at rate & is added to all the mer velocities at
t = 0. (This combination of cell deformation and initial
velocity gradient increment makes the simulation proce-
dure for our deformation history equivalent tothe SLLOD
method of Evans and Morriss.?)

The simulation reported here corresponds to a constant-
volume elongation at rate & in the x; direction. That is

L) =MO®L,  Lyt) = M®L,  Lyt) = \OL (D)
where

MO =14t M) = N0 = 0EYTYE (3)

Constant-Temperature Algorithm. To maintain a
constant temperature in the melt during deformation, we
employ the velocity scaling algorithm due to Berendsen,
Postma, van Gunsteren, DiNola, and Haak'® and employed
also by Brown and Clarke!! in their simulations of the
time-dependent mechanical behavior of dense polymer
systems. We refer to the paper by Berendsen et al.0 for
the motivation of their procedure. The final algorithm
for the determination of the atomic position x(f + At) in
terms of the earlier positions x(t) and x(t — At) takes form

x(t + At) = x(t) + s(v(t - 1,48 + %At)At )
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v(t —1/,A) = (x(t) - X(t — At))/At (7)

the force f acting on the atom in question is determined
for atomic positions at time ¢, and the velocity scaling

factor
T, 1/2
£= [ ( -1 ] ®
Te\T(t - /2At)

where the temperature T'(t — 1/5At) is based on the atomic
velocities at t —1/,At as computed from eq 7. Appropriate
values of the parameter 77 are discussed by Brown and
Clarke.!? Since our simulation used a high strain rate of
& = 0.01 ps~1, we found it necessary to use a value of 77
= 50At.

Ensemble Averages. The simulation is repeated for
a large number (typically 90) of independent initial
conditions. (In arriving at 90 initial configurations, we
start with 30 independent configurations and permute the
coordinate directions for each.) Time-dependent prop-
erties, such as the stress in the system corresponding to
a particular deformation history, are obtained as an
ensemble average over all of the 90 simulation runs. The
simulation uses v = 36 chains with N = 40 bonds each. The
basic cell volume v = (12.855a)3, corresponding to a mass
density p = 0.938 g/cm3,

Virial Stress Formula. The form that the virial stress
formula takes in the presence of the three-body bond-
angle bending potential uy() is®

vt = ~ukTo; + (ra‘lu’b(r I i) +

Y W T ) + D (Cym) (9)
a&nb m

where t;; are the components of the stress tensor (force per
unit present area) referred to the fixed rectangular
Cartesian system x;, i = 1, 2, 3, u is the number of mers,
6;; is the Kronecker delta, angular brackets denote an
ensemble average, the prime denotes the derivative, r, is
the vector displacement between the o pair with compo-
nents ry, r's = |r,], and the notations « € b and « € nb
indicate that the sums range over all pairs of bonded or
nonbonded interacting atom pairs, respectively. The
quantity C;j(m) represents the bond angle contribution

rm1rm+1J + rmjrm+h

Cij(m) = —u/,(cos Bm)[ —
m' m+1

rmirmj rm+1irm+1j
-+ > Jeos b, | (10)
rm rm+1

where the sum ranges over all mers m of the system,
excepting the end mers of each chain. The vector rp,, with
components ry;, denotes the first bond (as measured from
an arbitrary chain end) directly connected to mer m and
it is pointing to the mer m. Similarly, the vector ry.; is
the second bond directly connected to mer m and pointing
away from it (Figure 3).

We will generally be interested in the anisotropic portion
of t;;, that is, in the deviatoric stress tensor D¢, defined as

Y 5tk (11)
where here and throughout we are adopting the summation
convention with respect to repeated Latin indices. Note
that Pty = %/3(tyy — Ya(tye + t33)) and we will find it
convenient to use this quantity, and the analogous quantity

D, -
tij - tU -
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Figure 1. Deviatoric stress P¢;; in the melt as determined by
simulation in response to constant-volume elongation in the x,
direction at the rate & = 0.01 ps-! for t < 42 ps, followed by
unloading with & = 0.0. Data points are shown for the nonbonded
and bonded contributions to P¢;; but omitted for their sum for
clarity. (See Figure 7 for a repeat of the fitted curve for Pty (t)
together with the data points.) The numerical procedure for
fitting the curve for the total Pt;; and for the remaining fitted
curves is described in refs 6 and 7.

for other tensors, to describe the anisotropy in a system
undergoing the deformation of eqs 4 and 5.

Simulation Results. We have performed asimulation
in which the deformation of eq 5 is applied for 0 <t <¢;
(loading period) followed by an unloading period, ¢ = 0
for ¢t = t; where ¢; = 42 ps. (In the simulation, a velocity
increment corresponding to a velocity gradient equivalent
to the constant-volume elongation at rate —¢ is added to
all the mer velocities at ¢ = ¢;.) The results for D¢y; are
shown in Figure 1. Of particular interest to us in the
present connection is the dominant contribution made by
the nonbonded interactions, as compared to the contri-
butions of the covalent potentials. The fitting of a smooth
curve through the simulation data here and in remaining
figures involves the nonlinear determination of parameters
in a Prony series; details are given in refs 6 and 7.

III. Intrinsic Stress Concept
We rewrite the virial stress formula, eq 9, in the form

vt; (t)

= Z<a,,(m £) (12)

where the sum is over all mers of the system and

o (mit) = —[ T, I oiloj
a(m)
z Z Fo W (P o o + Cyslm, t)] 5; (19)
a(m)

for all mers, excepting the end mers of each chain where
the angle term C;;(m,t) is omitted; the sums in eq 13 are
over all pairs o interacting with mer m. Wespeak of a;;(m,t)
as the mer stress with its components referred to the fixed
laboratory frame x;; it is the contribution that mer m makes
at time ¢ to the nondimensionalized macroscopic stress
vt/ kT.

As we have seen in our previous simulation studies, the
nonbonded interactions make an anisotropic contribution
to the stress because the interactions with a given mer are
sterically screened by adjacent mers that are bonded to
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Figure 2. Schematic representation of the steric screen of
nonbonded interactions that is responsible for their anisotropic
stress contribution. Mer A interacts more readily with mer B
than with mer C because of steric interference by mers bonded
to A.

8y

Figure 3. Base vectors a;, a;, and ag for intrinsic coordinate
system for mer m. Bond vectors r, and rn4; lie in the a;,a,
plane.

the given mer. The screening process is shown schemat-
ically in Figure 2. It is therefore logical to refer the mer
stress to a local coordinate system in which the covalent
bonds to mer m are fixed. We follow the same conven-
tion as in our previous work.? It is summarized in what
follows.

Intrinsic Monomer-Level Stresses. Forevery chain-
interior mer m, we introduce a moving local Cartesian
coordinate system whose unit base vectors a;, ;i =1,2,3, are
defined in terms of the bond vectors r,, and r,,+; attached
to m as follows (Figure 3):

r

m+1

a, = ( +
rm+1

r r
2, = (_111 - —"‘)(2(1 + cos 6,,)) 2 14
Tm#l Tm

?)(2(1 - cos 6,,))/?

with 8,, the bond angle at mer m. For a chain-end mer m,
a1 is parallel to the end bond connected to the end mer
m and directed from m toward the mer bonded to it, and
a3 is chosen to be the same as that of the mer bonded to
mer m; a; is then equal to a3 X a;.

Let e;, { = 1,2,3, be the unit base vectors of the fixed
laboratory reference frame. Then any vector r can be
written in terms of components with respect toeither frame
as r = r;e; = F;a;, where we are adopting throughout the
convention that superposed bars denote components with
respect tothe local frame a;. The vector components with
respect to the two frames are related in the usual way as

ri = f’jaj-ej = ?Jaﬂ (15)
where aj; = aj-e;, with inverse relation,

s = -1
F=ra; (16)

where (1,’_,"1 = ejra; = aj.
Similarly, the monomer-level stress tensor can be
expressed in terms of components with respect to either
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Figured4. Schematicrepresentation of intrinsic monomer stress
(stresslet) associated with some representative mers. They are
all identical except for orientation. (a) In the undeformed
reference state, the stresslet orientation is randomly distributed
and their macroscopic sum is an isotropic stress. (b) Under
deformation, they acquire a preferred orientation and their
macroscopic sum is anisotropic.

frame aso(m) = o;;e;e; = 5,,a,8, with the tensor components
related as

Uij = &rsariasj (17)

O -1, -1 -
Ops = o'ijair aj, = C"i]ariasj (18)

where, for mer m, a,;(m,t) = a,(m,t)-e;is the transformation
matrix for the moving coordinate system attached to mer
m at time t. With this convention on the significance of
ar(m,t), by the use of eq 17 we can rewrite eq 12 in terms
of intrinsic stresses as

vt;(t)
KT

as an ensemble average of a sum over all mers in the basic
cell.

Our previous work employing the concept of intrinsic
monomer stress dealt with an equilibrium model for a
polymer network. There we found that the intrinsic
monomer stress was relatively independent of the degree
of deformation and had the same value as in the corre-
sponding equilibrium un-cross-linked melt. This result
led to the physical picture of a network in which each mer
was the bearer of a stresslet.!3 The stresslets are, except
for orientation, all identical (ignhoring chain end effects
for the moment). In the equilibrium isotropic state, the
stresslets are randomly oriented and therefore the mac-
roscopic stress is zero. Stretching the network causes a
partial ordering of the stresslet orientation and therefore
leads to a nonzero macroscopic stress. In this ordering
process, the magnitudes of the stresslet principal values
remain unchanged. This process is illustrated schemat-
ically in Figure 4.

We now test the applicability of this concept to the
nonequilibrium deformation process simulated in the
previous section. During the simulation we compute the
components of the monomer orientation matrix a,;(m,t)
and of the ensemble-averaged intrinsic monomer stress
(Grs(m,t)). The values of the latter averaged over all
interior mers are shown in Figure 5. It is seen there that
although the macroscopic stress components t;; (which
are, of course, referred to the fixed laboratory frame) are
undergoing large variations, the intrinsic monomer stresses

Z(&,s(m,t)a,i(m,t)as,-(m,t)> (19)
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Figure5. Time variation of intrinsic monomer stress components
{&p(t) (no sum) for the same loading history that gives rise to the
macroscopic stress variation P¢y;(t) shown in Figure 1. Compo-
nents are averaged over the central chain mers (mers 5-35) to
avoid end effects (see Figure 6). Equilibrium melt results for
these quantities agree with unloading period results within
statistical scatter.

{Gr(m,t)) are essentially time-independent. (There are
small differences in these quantities during the loading
period (0 <t < t; = 42 ps when ¢ > 0) and unloading
period (¢t > t; when ¢ = 0), but these differences are small
compared to the variations in t;;.) Furthermore, their
values remain the same as in an equilibrium melt.
Therefore, the concept and physical picture for these
intrinsic stresses retain their significance in nonequilibrium
processes.

Although the intrinsic monomer stresses {,;) are time-
independent, there is a chain end region dependence. A
typical example is shown in Figure 6. Therefore, we refer
to these quantities by the notation (3,s(m)); for polyeth-
ylene-like systems of sufficiently long chains, this mer
dependence may be neglected.

We return to eq 19 and rewrite it in the form (which
follows directly from the ensemble average concept)

vt;;
k_TJ = ;(&m(m))(ari(m,t)asj(m,t)) +
D (83, (m DA,y (m,1)) (20)

where
85, (Myt) = &, (Myt) = (7,,(m)) @1
8A,;,/(mt) = a,(m,t)a(mt) - (a(mta (mt)) (22)

Consider the significance of the first sum in eq 20. The
quantities (a,s(m)) represent the time-independent com-
ponents (with respect to the intrinsic coordinate system)
of the stresslet associated with mer m. The first sum
represents, therefore, the macroscopic stress due to the
orientation of these mers through the orientation matrix
{an(m,t)asi(m,t)). We refer to this macrocopic stress as
the orientation stress, tg(t); it arises from the partial
orientation of the monomer stresslets. That is

kT
t) = TZw,s(m»<a,,~(m,t)asj(m,t>> (23)
m
In Figure 7 we plot Pt0. It is seen that at later times
Dtﬁ agrees well with Dt;;, but it substantially underesti-
mates the deviatoric stress during the loading period. In
other words, the second sum in eq 20 represents a means
of stress production that is in addition to the orienting
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Figu!('ie 1. Comparisoxll) of Dt?l, orientation stress (eq 23), with
total deviatoric stress Dty;.

stresslet mechanism. Thissecond mechanism is dominant
at early times after the imposition of the deformation but
then rapidly decays. We refer to this mode of stress
production as the affine mechanism and denote the stress
due to it as t;;. The motivation for this terminology is
discussed next.

Affine Mechanism. Westart with the time-dependent
deformation of constant-volume elongation described by
eq5. Toeachinitial configuration of mersin the ensemble,
we apply the corresponding time-dependent affine de-
formation. Use of the resulting mer position in the virial
stress formula, eq 9, then leads to a linearly increasing
stress Dt2,. It is seen in Figure 8 that at extremely early
times, the affine deformation causes stretching of covalent
bonds and a very rapid rise in stress Pt;; to which the
linearly increasing stress t?, is initially tangent. The
highly stressed covalent bonds rotate to relieve this stress
and the covalent contribution to Pt;; then rapidly de-
creases,

Also shown in Figure 8 is (Pt;;),, the nonbonded con-
tribution to Dt,;, together with (°t3,),,, the nonbonded
contribution to °t?,. Itisseen that the linearly increasing
(®t2),, is initially tangent to (°t,;),,. We conclude that
the initial rapid rise in stress occurring after the start of
the constant strain rate elongation is due to the motion
of the mers of the system according to this time-dependent
affine deformation; thermal motion of the mers plays no
role in this very early period.

However, the actual stress rise follows the linear rise for
only a very short period and then increases more slowly;
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Figure 8. Early-time behavior of deviatoric stress D¢,; together
with (Pt11), and (Pt11)mp, the bonded and nonbonded contributions

to this stress. Also shown is Pt2,, the value of this stress if all
mers followed the macroscopic affine deformation, and

(°t2)),» the nonbonded contribution to this affine stress.
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Figure 9. Early-time monomer self-diffusion from sites they
would have occupied under an affine displacement corresponding
to the macroscopic deformation as measured by ((Adx;)?), eq 25.
The straight line is added to guide the eye. Insert for somewhat
longer times shows that diffusion in the direction of extension,
i = 1, is greater than in the transferve directions, i = 2,3.

this is seen most clearly in Figure 8 by comparing (Pt;1)np
and (°t%)),. We postulate that this occurs because under
influence of thermal motion the system mers diffuse away
from the affine positions they would have occupied in the
absence of thermal motion. More specifically, we assume
that a typical mer displacement

Ax(t) = x(¢) - x(0) (24)
can be written as the sum
Ax(t) = A%&(t) + A%(t) (25)

where A*x(t) is computed by means of the affine defor-
mation, while Adx(t) is random, corresponding to self-
diffusion. As a test of this hypothesis, the program
computes ((Adx)2) (£), i = 1,2,3, where Adx; are the
components of Adx with respect to the x1, x2, and x3 axes.
These are shown in Figure 9 for the same simulation treated
in the earlier figures. It is seen that, after a brief initial
period 0 < t < 0.07 ps, ((Adx;)2) (t) becomes linear in ¢ as
expected for diffusion of free monomers; however, by ¢ ~
0.4 ps, the bond constraints cause the diffusion to fall
below the linear rate. (The time ¢t ~ 0.07 ps when linear
diffusion begins corresponds also (Figure 8) to the time
when (Pt;1)qp, starts to fall below its linear variation.) It is
also of interest to note that the rate of diffusion in the x;
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direction, the direction of the elongation, is slightly larger
than in the transverse directions. This anisotropy is seen
more clearly in records (see the insert of Figure 9) of
((Adx;)?) taken over longer periods of time,

We conclude, therefore, on the basis of these simulation
results that the mode of stress mechanism which we have
called the affine mechanism and designhated by tg} corre-
sponds to a stress rise due to affine mer displacements
accompanied by mer diffusion away from the affine sites.
{Note that the symbol tfj referred to the linear rise in
stress due to the affine mer displacement unrelieved by
subsequent diffusion.) We have observed this same
mechanism operative in simulations of viscoelasticity of
simple liquids®! where, indeed, it is the only available
mechanism for deviatoric stress production and relaxation.
Although the nature of the affine mechanism is the same
in polymer melts and simple liquids, stress relaxation in
the latter is much more rapid because diffusion away from
the affine sites is not hindered by a bond structure.

IV. Birefringence Relaxation

The concepts of mer intrinsic coordinate systems and
their orientation matrices a,;(m,t) lend themselves directly
to adiscussion on the monomer level of melt polarizability
and birefringence. Let &,(m) be the components of the
polarizability tensor of mer m referred to the intrinsic
coordinate system for that mer. For a polymer such as
polyethylene with side groups that have no additional
degrees of freedom relative to the backbone chain, &, can
be taken as time-independent and, for our polyethylene-
like model system, independent of m as well. We confine
attention to this case here, although the method could be
generalized to the case of time-dependent é&,,. Then 8;;(t),
the polarizability tensor of the melt referred to the
laboratory frame during stress relaxation, is

B0 = Y&, (e (mbamt) (26)

Since deviatoric tensors satisfy the same transformation
laws as do the full tensors, it follows from eq 26 that

D3t = 3 P, (a(m,taym.t)) @7

m

We next restrict attention to mers of sufficient symmetry
s0 that Da,, is diagonal. Then

Dg (1) = uPay; ((ag, )y (®) + Pagy((ay®)) () +
Pag((ag’))(®) (28)

where u is the number of mers in the system (u = 1476 in
this simulation) and ((a;;2))(¢) is the average of (a; %
(m,t)) over all of the system mers, etc. For the following
calculations representative of polyethylene, we use the
values a;; = 24.2, G99 = 19.4, and a3z = 14.6 for CH,
monomers, all in units of 10-3! M3, These have been
obtained from the C-C and C-H bond polarizabilities!®
by tensor transformation.1®

For anisotropic system, the Lorentz-Lorenz expression
connecting the index of refraction n and the total
polarizability 8 is

(29)

where v is the volume of the system. For a system with
small anisotropy, we make the usual assumption that eq
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Figure 10. Stress-optical coefficient, C(t), as determined from
simulation. The fitted Prony series to stress and birefringence
data are used, with the assumptions of linear viscoelasticity, to
obtain the model behavior under constant strain rate loading
with no unloading period. In the fitted Prony series®’ to the
stress history Pty (t) for use in eq 32, the first mode corresponding
to very early time bonding stretching as in Figure 8 has been
omitted. If this mode is included, the value of C(t) at t = 2 X
10-? ps decreases to C = 0.019 X 10-? M2 N-%; later values of C(t)
at t = 500 ps remain substantially unchanged. Also shown is
C,(t), eq 33, and C,, eq 38.

29 may be applied to the principal components ni;, 811,
etc. so that we may write

(8m/3v)By; + 1 }1/2
M=\ T i ama

(30)
1- (47/30)8,,

with corresponding equations for the other principal
components. With the assumption of small anisotropy,
we can then approximate the birefringence An = ny; — ngy,
or, equivalently, Pnyy = 2/3(n1y = Ya(ngg + nass)), as

p, _2r(n*+2)°
L9 n

where n = 1/3n,; is the mean refractive index.

Stress-Optical Coefficient. We cannow compute the
stress-optical coefficient C(t) for the simulated system by
use of the relation

P, (81)

D D

ny
Cty=+—
tu

GV

= — 32

Prf + % o
Theresultisshown in Figure 10. Itisseenthat C(¢) begins
with a relatively low value in the early glassy regime and
rises by a factor of ca. 10 in the terminal regime. This is
in qualitative agreement with what is observed experi-
mentally.!” In terms of the present physical picture, it is
clear that this behavior is due to the initial large value of
the affine stress Pt{} and to its rapid decay. It is also of
interest to consider the orientational stress-optical coef-
ficient C,(¢t) defined as

R Dnu
C,t) = 50 (33)
t

This is shown in Figure 10 and is seen to be substantially
constant throughout the loading and unloading process.
This is not surprising, since the polarizability and the
orientational stress both arise from monomer orientation.

We also note from Figure 10 that C,(t) =~ C(t) for later
times due to the decay to zero of the affine stress °¢7,. This
suggests a further approximation to C(¢) for later times.
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By use of the relation @12 + 04,2 + a2 = 1 it is possible
to rewrite eq 28 in the form

8,006) = [ ey 34,0 - 1) +
L8, - P (a0 - o @0)] (39

For later times and the quoted values of &y, it is found
from the simultations that the second term on the right-
hand side of eq 34 is small compared to the first and that
a good approximation to Dgy;(¢) is

Dg,1(8) ~ uPay, Py6,,(6))) (35)

where

Py(6;) =/5B3((ay®)) - 1) =1/,(8({cos? 8,;)) -1) (36)

with 6;; the angle between a; and e;. A similar approx-
imation may be made in eq 23 for Dt?p namely

260, ~ (P, Pyt ) @7

where (P7y;) is obtained from the later-time data of Figure
5. Therefore, for later times, an approximate value for
the stress-optical coefficient C is

_ 2r (427 “an 38)
T 9%T n (P; )
The value of C; is shown in Figure 10 and it is seen, in fact,
to provide a good approximation to C(t) for later times.
Equation 38 therefore gives a new and physically trans-
parent definition of the terminal stress-optical coefficient
in terms of the two intrinsic monomeric properties, Da;;
and (Pa1;). If we use the quoted value of Pay; and the
values of (kT/v)(P3;;) = 0.031 MPa and n = 1.52 as
obtained from the simulation, then eq 38 leads, for T =
172 K, to C; = 3.6 X 10 M2 N-1, This may be compared
with the experimental value!® C, = 2.35 X 10-° M2 N-! for
high-density polyethylenes of narrow molecular mass
distribution at T' = 150 °C. In view of the idealizations
involved in the FRC model, this agreement is very
encouraging.

C

V. Conclusion and Discussion

We have considered in this paper the computer simu-
lation of a dense polymer melt subjected to a short loading
period of constant strain rate extension, followed by an
unloading period in which the deformation is held fixed.
In this simulation we employed a chain model in which
individual monomers retain their identity rather than a
coarse-grained model in which many mers are lumped
together in a single bead.

Our concern here has been to develop a liquid-like,
monomer-level physical picture of the process. That is,
from the viewpoint of an observer riding on arepresentative
mer, interacting with its neighbors with covalent bonded
interactions as well as with nonbonded interactions, we
have attempted to clarify the mechanisms through which
an anisotropic stress builds up and decays in response to
the imposed deformation.

In the usual view of stress in a dense polymer system,
it is assumed that the nonbonded interactions make only
a hydrostatic or isotropic contribution to the stress. In
contrast, these simulations show (Figure 1) that the
nonbonded interactions are primarily responsible for the
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anisotropic stress. This surprising result is in agreement
with previous simulations made by us in both equilibrium?®
and nonequilibrium®-® systems and with simulations by
Fixman,3 who employed a different model and algorithm.

Wehave found, furthermore, that the macroscopic stress
t;i(t) can be expressed as a sum of two stress histories

£ () = E5(E) + t(0) (39)

where each represents a different mechanism and dom-
inates in a different period of the process.

The first, t(¢), is termed the affine stress, When the
deformation first starts, it arises from a displacement of
all mers that corresponds to the macroscopic affine
deformation. This results in a rapid buildup of stress that
then decays rapidly as the mers diffuse away from the
affine sites they would have occupied in the absence of the
thermal motion. The affine stress mechanism has little
to do with the covalent structure of the melt. It occurs as
well in simulations of the viscoelasticity of simple liq-
uids.514 In the latter, the decay of t%(t) is much more
rapid since the atoms are unconstrainedjby covalent bonds.

The second mechanism gives rise to a stress history
t2(t) that is termed the orientation stress. To describe
tI]1is mechanism it is first convenient to introduce an
intrinsic coordinate system for each mer that bears a fixed
relation to the covalent structure attached to that mer.
We find that, even in equilibrium, each mer bears a
stresslet, an intrinsic monomer stress, that has constant
components when referred to that mer’s intrinsic coor-
dinate system (Figure 3). The origin of this intrinsic
monomer stress is the fact that the interaction of a given
mer, say mer A (Figure 2), is screened by the adjacent
mers bonded to mer A. Because of the nature of their
origin, the intrinsic monomer stresses retain the same
values (except for orientation) whether the melt is in
undeformed equilibrium or is undergoing a nonequilibrium
deformation process. Inequilibrium, the variousstresslets
areisotropically oriented with respect to a fixed laboratory
frame and therefore the macroscopic stress, which is their
sum, is isotropic. When a deformation is applied, the
orientation of the stresslets becomes anisotropic and so
does the macroscopic stress. This orientation stress tg-
(t) then decays as the stresslet orientation returns to
isotropy.

The affine stress variation occurs on a more rapid time
scale than that of the orientation stress, and in the later
terminal stages of stress relaxation, only the latter is
significant. Since, as seen in Figure 1, the nonbonded
contribution to the macroscopic stress is dominant in the
later as well as in the earlier stages of the relaxation process,
it is clear that the nonbonded interactions make the
dominant contributions to the stresslets as well. The
anisotropy of stresslet orientation in the deformed system,
however, is produced by the chain structure, i.e., through
the bonded interactions (Figure 4).

A central role in the description of tg(t) is the matrix
a,s(m,t) that describes the orientation of the intrinsic
coordinate system for mer m at time ¢ relative to the fixed
laboratory frame. Use of this concept also permits a
parallel treatment on the monomer level of the rise and
relaxation of melt birefringence. It leads to a simple
formulation for the stress-optical coefficient that describes
its behavior as the system relaxes from the glassy regime
through the terminal regime. It also leads to an approx-
imate expression for the stress-optical coefficient in the
terminal regime in terms of intrinsic monomer properties.
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Some additional observations regarding this work and
its relation to other theories are appropriate here:

(1) While coarse-grained theories that employ Rouse
and Rouse-like chain models appear to be effective
numerical procedures for computing the stress in the later
stages of relaxation, they do not supply even a qualitatively
correct physical picture on the monomer level. Missing
from a coarse-grained description is the central role of
nonbonded interactions in producing anisotropic stress
and the fact that covalent bonds are in compression?? at
the usual melt densities. It would be of great interest and
importance to develop a derivation of a coarse-grained
theory from a monomer-level description, one which
explains why it provides a quantitative prediction of later-
stage stress relaxation. (Such theoriescannot be expected
to be applicable at early times when the affine stress
mechanism, which has little to do with the covalent
structure, is dominant.)

(2) In coarse-grained theories of birefringence, the
polarizability of a segment, which comprises many bonds,
plays a central role. The segment polarizability tensor is
assumed to be cylindrically symmetric with respect to r,
the segment vector. A similar assumption is made
regarding the segment stress tensor, regarded as due to a
tensile force f paralleltor. Simulations we have performed
in dense melts rendered anisotropic by a large extension
show!® that the second assumption is violated in the
presence of chain—-chain interaction. Under these con-
ditions there are two significant directions for a given
chain—the chain vector R and the direction of elongation
x—and the principal axes of the chain stress donot include
R or, equivalently, the chain force is not parallel? to R.
These results, for the entire chain, should apply as well
to the chain segment stress tensor and, we believe, to the
segment polarizability tensor. Other methods?! of cal-
culations of melt birefringence begin with the monomer
polarizability tensor (and are not coarse-grained in this
sense) but do compute the polarizability of an isolated
chain as a cylindrical tensor with respect to the chain vector
R.

(3) The simulation has been performed at a temperature
T = 172 K, well above Ty = 39 K for this model as
determined by Takeuchi and Roe.5 It is necessary to do
soin order that the system passes through the glassy regime
rapidly and so that a substantial amount of stress
relaxation occurs within a practical period of computer
simulation. There is a fundamental difference in the way
the system passes through the glassy regime below and
above T,. Below Ty, it is trapped in potential wells and
overcomes barriers at long time intervals through the
process of thermal activation. Above T}, presumably, the
thermal motion has sufficient energy to overcome these
barriers frequently, with perhaps little trapping. Nev-
ertheless, we believe there is qualitative similarity in the
glassy behavior, in spite of the radically different time
scales. Encouraging from this viewpointis that simulations
of the FRC model® show time-temperature behavior that
is in accord with the WLF equation.

(4) We have also performed viscoelastic simulations??
for the PE model of Takeuchi and Roe® which contain
rotational energy barriers omitted from the FRC model.
The simulated behavior of the PE model was quite similar
to that of the FRC model with the principal difference
that the relevant range of temperature was shifted upward
since its T, = 201 K. However, the presence of rotational
energy barriers complicates the discussion of intrinsic
monomer stresses because the screening of different long-
lived conformers, such as t¢ or tg, affects these stresses.
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We have studied this question® in connection with intrinsic
monomer force components but have not yet done so for
intrinsic monomer stresses.

(5) The FRC model is a united-atom model in which a
CH; mer is represented by a single Lennard-Jones atom.
We believe that the C and H atoms could be treated
explicitly?* within the same framework, with no basic
change in the essential ideas.

(6) The existence of two distinct mechanisms of stress
relaxation in polymer melts is well recognized. They are
sometimes referred to as the energetic and entropic
regimes.'’ In this connection it should be pointed out
that the affine mechanism that we have identified would
be operative as well in a hard-sphere simple liquid, a purely
entropic system. The present decomposition t;;(t) = t,‘»}
) + tg(t) also provides a monomer-ievel interpretation
to the expression of the relaxing stress in a melt as a sum
of glassy and rubbery components,25-28

The coarse-grained models of polymer melts create a
special category of materials in terms of the unique
character of the mechanism of stress production through
the action of long chains acting as entropic springs. The
present monomer-level description fits better into the
framework employed for other materials. As we have
noted, the affine mechanism applies directly to the
viscoelasticity of simple liquids. The concept of atomic-
level stresses has been employed with profit?® in the study
of glasses and crystalline solids. The sole new feature in
polymer melts is the intrinsic character of monomer
stresses and the orientability of the intrinsic coordinate
systems by deformation due to the chain structure.

The entropic character of equilibrium rubber elasticity
is well established by macroscopic experiments, and this
fact is sometimes taken as convincing evidence that the
entropic spring mechanism of coarse-grained theories
represents the unique physical picture for this class of
materials. It is well to emphasize that the present
monomer-level picture applies as well to a polymer model
that employs hard spheres and geometric constraints to
describe the bond structure and represents, therefore, a
purely entropic system. In an equilibrium deformation,
as in a network, the orientational mechanism is the only
operative one, and we conjecture that we may think of
tg as due to the decrease of entropy associated with the
orientational ordering accompanying deformation. A
quantitative comparison of this viewpoint with the usual
chain conformation entropy viewpoint remains for future
work.
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